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Abstract 
NUCu-140 is a ferritic copper-precipitation strengthened steel that is a candidate 
material for use in many naval and structural applications.  Previous work has shown that 
the heat-affected zone (HAZ) and fusion zone (FZ) of NUCu-140 exhibit softening that is 
due to dissolution of the copper-rich precipitates.  This study aims to recover the FZ and 
HAZ strength by re-precipitation of the copper-rich precipitates through either multiple 
weld passes or an isothermal post-weld heat treatment (PWHT).  The potential use of 
multiple thermal cycles was investigated with HAZ simulations using a Gleeble 
thermomechanical simulator.  The HAZ simulations represented two weld thermal cycles 
with different combinations of peak temperatures during the initial and secondary weld 
passes.  
   To investigate the potential for a PWHT for strength recovery, gas tungsten arc weld 
(GTAW) samples were isothermally heated for various times and temperatures. 
Microhardness measurements revealed no strength recovery in the multipass HAZ 
samples. The time dependent precipitate characteristics were modeled under the HAZ 
thermal cycle conditions, and the results showed that the lack of strength recovery could 
be attributed to insufficient time for re-precipitation during the secondary weld pass. 
Conversely, full strength recovery in the HAZ was observed in the isothermally heat 
treated samples. Atom-probe tomography (APT) analysis correlated this strength 
recovery to re-precipitation of the copper-rich precipitates during the isothermal PWHT.   
The experimental naval steel known as NUCu-140 and an established naval steel 
HSLA-100 were subjected to stress-relief cracking (SRC) and hot-ductility testing to 
assess their relative cracking susceptibilities during the welding process and post weld 
heat treatment.  NUCu-140 exhibited a longer time-to-failure (TTF) and a lower 
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temperature of minimum TTF during SRC testing when compared to HSLA-100, 
indicating better resistance to SRC for the NUCu-140 steel.  The lowest TTF for NUCu-
140 occurred in the temperature range of 500-550°C (932-1022°F), and was contributed 
to the achievement of maximum hardness as a result of ageing of Cu-rich precipitates at 
this temperature.  HSLA-100 exhibited a minimum TTF at 650°C (1202°F), and this was 
attributed to the formation of austenite at this temperature.  HSLA-100 and NUCu-140 
exhibited a relatively narrow liquation cracking temperature ranges (LCTR) of 32°C 
(90°F) and 36°C (97°), respectively.  The low susceptibility of both alloys was attributed 
to the formation of δ-ferrite within the same temperature range as incipient melting.  
Ineffective wetting and liquid film discontinuity in both alloys was established through 
metallographic and fractographic analysis. 
 
Review of Strengthening Mechanisms 
Steels cover a wide range of the strength spectrum from low yield stress levels 
around 200 MPA to very high levels approaching 5500 MPa, without compromising 
toughness.  This wide array of strength levels can be contributed to the wide variety of 
strengthening mechanisms in steels.  Modern steels combine several strengthening 
mechanisms, and it is important to discuss the basic strengthening mechanisms. 
Solid Solution Strengthening 
Solid solution strengthening occurs when the strain fields around misfitting solute 
atoms interfere with dislocation motion.  This can be accomplished by both small 
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interstitial atoms (e.g. carbon and nitrogen) and large substitutional atoms (e.g. Mo, Ni, 
Cr, Cu, etc.).  The favored interstitial sites in the body centered cubic (BCC) structure of 
α-Fe (ferrite) are the asymmetrical octahedral sites at the midpoints of the unit cell and 
edge faces.  This asymmetrical octahedron is shorter in the c-direction and results in a 
tetragonal distortion.  This distortion has a powerful interaction with the shear which is 
the dominant component of a dislocation strain field.  This effectively makes it difficult 
for dislocations to move through the lattice.  This is the reason why interstitial solid 
solution strengthening is so potent in ferrite.  The corresponding interstitial site in 
austenite is surrounded by hydrostatic strains, reducing the strengthening effect in 
austenite. 
 Larger atoms like Mo and Ni substitute for iron at lattice points when in 
solution.  Because the substitutional atoms are not the same size as the iron atoms in the 
lattice, local expansions or contractions occur.  These strains are isotropic and therefore 
can only interact with the hydrostatic components of the strain fields of dislocations.  
This is similar to the effect of interstitial solid solution in austenite.  It has been shown 
that the effect of substitutional solid solution strengthening is nearly 2 orders of 
magnitude lower than interstitial strengthening in ferrite. 
Grain Size 
The refinement of grain size provides one of the most important strengthening 
routes in the heat treatment of steels.  It is generally understood that yield strength 
increases with a decrease in grain size, as described in the Hall-Petch relationship.  The 
theory behind the Hall-Petch relationship has been thoroughly developed.  The effect of 
grain size on yield strength can be explained by assuming that a dislocation source 
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operates within a crystal causing dislocations to move and eventually pileup at the grain 
boundary.  This pileup causes a stress to be generated in the neighboring grain.  When a 
critical stress is reached, a new source operates in that grain.  The grain size determines 
the distance dislocations have to move to form these grain boundary pileups, and thus the 
number of dislocations involved in the process.  Thus, with large grains, the pileups 
contain more dislocations which in turn cause higher stress concentrations in neighboring 
grains, which allows for easier propagation of the yielding process through the material. 
 
Work Hardening 
 The internal shear stress in a material arises from dislocation interaction with long 
range obstacles such as grain boundaries, cell walls, and other complex dislocation 
arrays.  This component of the shear stress is proportional to the square root of the 
dislocation density, ρ [1].  Plastically deforming gives a rise to the dislocation density.  
When the dislocation density is increased during plastic deformation, further deformation 
by dislocation motion is hindered due to higher dislocation interactions.  This work 
hardening can reach saturation when the defect creation and annihilation rates balance. 
 
Dispersion Strengthening 
 Strengthening through the dispersion of secondary phases within a crystalline 
matrix is also a prevalent strengthening mechanism in steels.  The most common 
dispersed phases are carbides formed as a result of the low solubility of carbon in ferrite.  
The most fundamental of these is cementite (Fe3C) which is one of the two phases that 
make up pearlite in steel.  Some combination of thermodynamically stable carbides such 
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as MC, M2C, M3C, M6C, and M7C23-type carbides are generally formed by the 
substitutional alloying elements that are added to more advanced steels.  The 
morphology, size, and distribution of these dispersed phases are largely dependent on the 
thermal history of the alloy. 
 Dispersion strengthening works through the interactions between the particles and 
moving dislocations.  One of the largest contributors to dispersion strengthening is the 
size of the particles.  As the particle size increases, it becomes harder for the dislocation 
to cut through the particle and the dislocations tend to bow around the particle by Orowan 
looping.  This looping results in decreased strengthening above a critical particle radius.  
Also, as the particle size increases, the particles transform from coherent to incoherent 
with the surrounding matrix.  This results in a lower strain energy around the particle and 
a less significant strengthening effect. 
 
Martensite Strengthening 
 Martensite forms in steels when, because of rapid quenching from the solid-
solution γ-Fe phase, carbon in the material remains in solid solution at room temperature 
rather than precipitating out as carbides.  It is created by deforming the austenite FCC 
lattice to a BCT structure through a diffusionless transformation.  This arises because the 
carbon atoms, which are located on octahedral sites, to occupy only one of the three BCC 
octahedral sites upon quenching.  As a result, the BCC lattice is forced to elongate 
parallel to the major axis of the occupied sublattice (e.g. the z-direction), which results in 
the BCT structure of martensite with carbon in one set of octahedral interstitial sites [1].  
This transformation is accompanied by a large shear strain and volume change.  The 
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structure of martensite typically consists of plates or laths due to constraints from its 
surroundings. 
 Martensite strengthening embodies many of the strengthening mechanisms 
characterized above.  These include interstitial solid solution strengthening, a high 
dislocation density arising from the diffusionless transformation, and some refinement of 
grain size due to the lath structure of the martensite packets. 
 
NUCu-140 Steel 
History 
 Copper precipitation strengthened materials such as HSLA (high-strength low-
alloy) 80 and 100 have been used extensively in naval and structural applications due to 
their excellent combination of strength and toughness.  The ever increasing need to 
minimize cost has made it desirable to develop a less expensive HSLA variant that can 
achieve high strength levels (≥825MPa (120ksi)), while maintaining suitable toughness.  
Recent research by Northwestern University [2-10] has produced NUCu-140 as a 
candidate material that achieves strength levels in excess of 825 MPa while retaining 
toughness levels that would exceed the requirements for most naval and structural 
applications.  The use of NUCu-140 can also offer significant cost savings as a result of: 
(1) minimization of expensive alloying elements (discussed below), (2) simple 
production using inexpensiv[e processing techniques, and (3) construction of structurally 
sound designs using less material due to higher strength than similar alloys.  It has been 
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estimated that the use of NUCu-140 in place of the current alloys can produce fabrication 
cost saving of 20-35% [11] 
Composition  
 The nominal composition of NUCu-140 and a matching filler metal used for 
GMA welding is shown in Table I.  NUCu-140 contains low carbon concentrations, 
making it less responsive to the formation of martensite during quenching.  The 
mechanical properties are attributed to copper precipitation strengthening.  The presence 
of copper also improves the atmospheric corrosion resistance and weatherability of the 
alloy [12].  Since martensite and secondary carbide formation are not needed for 
strengthening in HSLC steels, elements such as Cr, Mo, and V that are nominally needed 
for hardenability can be omitted.  A benefit of this is the absence of Cr6+ vapors during 
welding, which pose a health hazard, and reduced cost.  The alloy is also expected to 
have very good resistance to hydrogen cracking due to the low carbon and alloy content 
[13]. 
 
Table 1.  Composition of Cu-precipitation strengthened NUCu-140 and an experimental 
weld wire designed with a near matching composition (in wt.%)[14]
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Base Plate Mechanical Properties 
Figure 1 shows the Rockwell hardness C of NUCu-140 versus ageing time for 
various solutionizing and ageing temperatures.  Figure 2 shows the engineering stress 
versus engineering strain curves as a function of solutionizing and ageing temperatures.  
The data from the tensile testing are summarized in Table 2, and additional data from 
CVN tests are summarized in Table 3.   From the data, the optimal heat treatment was 
solutionizing at 900°C, followed by ageing for 2h at 550°C.  This thermal treatment 
resulted in an average yield stress of 965MPa (140ksi), elongation-to failure exceeding 
20%, and  CVN absorbed impact-energy values as high as 74 J at -40°C[13].  This 
combination of strength and toughness, with reduced expensive alloying elements, is 
equal to or greater than its predecessor HSLA-100 [14]. 
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Figure 1. Rockwell hardness C of NUCu-140 steel vs ageing time as a function of 
solutionizing and ageing temperatures [13] 
 
Figure 2. Engineering stress vs engineering strain curves for NUCu-140 steel as a 
function of solutionizing and ageing temperatures for 2h and 6h ageing times [13] 
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Table 2.  Tensile properties of NUCu-140 solutionized at 900°C and aged at various 
temperatures and times [13] 
 
 
Table 3.  Charpy V-notch absorbed impact energy for NUCu-140 solutionized at 900°C 
and aged for 2h at 550°C [13] 
 
Microstructure 
 NUCU-140 is composed of a nominally fine-grained ferritic microstructure with 
nanometer-sized, coherent bcc Cu precipitates that provide strength to the alloy and NbC 
precipitates that limit austenite grain growth.  As previously mentioned, the elimination 
of Cr, Mo, and V suppresses martensite formation resulting in a fully ferritic matrix.  A 
representative photomicrograph of the ferritic matrix is shown in Figure 3. 
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Figure 3.  Representative photomicrograph of NUCu-140 base metal ferrite matrix 
 
 Because NUCu-140 achieves its strength through Cu-precipitate strengthening, it 
is important to understand the precipitation of these particles and their evolution during 
ageing.  Figure 4 shows 3D atom-by-atom LEAP tomography reconstructions of sample 
volumes from NUCu-150 steel after ageing at 500°C for 3h, 24h, and 100h [6].  This 
span of times includes the time for peak ageing to achieve the maximum tensile strength 
of 1035 MPa (150ksi).  An increase of the diameter of Cu-rich precipitates is apparent 
with increasing ageing time from 3h to 100h.  The qualitative segregation of Ni and Mn 
atoms at the Cu-rich precipitates/matrix interface can also be seen.  This segregation 
evolves temporally, and a distinct envelope of Ni and Mn atoms surrounding the Cu-rich 
precipitates can be seen after 100h.  Larger Cu-rich precipitates can be seen in the area 
surrounding a cementite precipitate.  Located next to these larger Cu-rich precipitates are 
regions enriched in Ni and Al that differ which is distinct from the precipitates and 
different from the layer of Ni and Mn surrounding the Cu-rich precipitates.  The 
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proxigram concentration profile across the precipitate boundary is shown in Figure 7 
which illustrates this effect. 
 
 
Figure 4.  3D LEAP tomographic reconstructions in NUCu-150 steel after ageing at 
500°C for (a) 3h, (b) 24h, and (c) 100h 
 
Figure 5.  Proxigram concentration profiles for Cu-rich precipitates in NUCu-150 ageing 
at 500°C for (a) 3h, (b) 24h, and (c) 100h.  A spherical shell around the Cu-rich 
precipitates enriched in Ni and Mn is denoted by the black arrows. 
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The Cu-rich precipitates are outlined in Figure 6 by an isoconcentration surface of 
5 at.% Cu, encompassing all areas with a concentration greater than this value [6].  From 
this representation, a direct view of all Cu-rich precipitates and their 3d distribution can 
be achieved.  Figure 7 shows the particle size distributions (PSDs) for each ageing time 
[6].  The precipitates’ diameters were determined using the maximum separation method 
described in Reference 6.  After 3h, the average precipitate radius, <R>, and the 
precipitate number density, Nv, are 0.9 nm and 3.3x10
24 m-3, respectively.  <R> increases 
to 1.5 nm at 24h, and increases further to 1.8 nm after 100h.  Nv subsequently decreases 
to 1.2x1024 m-3 after 24h, and decreases further to 6.1x1023 m-3 after 100h.  The 
maximum strength of 1035MPa (150ksi) was achieved after 100h.  The concomitant 
increase in <R> with decreasing Nv indicates that the precipitation process has completed 
the nucleation phase. 
 
Figure 6.  Isoconcentration surfaces at 5 at.% Cu in NUCu-150 steel after ageing at 
500°C for (a) 3h, (b) 24h, and (c) 100h 
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Figure 7.  Particle size distributions (PSDs) of Cu-rich precipitates in NUCu-150 steel 
after ageing at 500°C for (a) 3h, (b) 24h, and (c) 100h 
 
 A later study by Seidman et al [4] gives further insight into precipitate 
size/distribution and its effect on the mechanical properties of NUCu-170.  The 
precipitation, growth, and coarsening kinetics were also investigated further to 
understand the ageing behavior of the alloy.  Figure 8 shows Vickers microhardness 
(VHN) as a function of ageing time for NUCu-170 that was aged at 500°C.  A plateau of 
approximately 395 VHN is seen between 2 and 16h.  Figure 9 shows the evolution of the 
Cu-rich precipitate size, distribution, and morphologies delineated by a 10 at.% Cu 
isoconcentration surface when the steel is aged at 500°C for 0.25h to 1024h.  The mean 
precipitate radius <R> and number density Nv as a function of ageing time for an ageing 
temperature of 500°C are plotted in Figure 10. The change in morphology from 
spheroidal at 0.25h to rod-like at 1024h can be seen.  The results also indicate that 
nucleation is occurring prior to 0.25h, nucleation and growth from 0.25 to 1h, followed 
by a transition, and subsequently, after 64h, an increasing proportion of growth and 
coarsening. 
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Figure 8.  Vickers microhardness (VHN) as a function of ageing time (h) for NUCu-170 
aged at 500°C [4]. 
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Figure 9.  Cu-rich precipitates delineated by 10 at.% isoconcentration surfaces, when 
NUCU-170 is aged at 500°C [4] 
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Figure 10.  The mean precipitate radius, <R>, and number density, Nv, as a function of 
ageing time for an ageing temperature of 500°C for NUCu-170 [4]. 
 
 
 The temporal dependencies of <R> were found to be t0.16  from 0.25 to 1h, 
t0.16±0.01 from 1 to 64h, and t0.34±0.09 from 64 to 1024h.  These values are in agreement with 
the UO coarsening model  predicted value of 1/3 between 64 and 1024h.  The temporal 
dependencies of Nv are t
2.7 from 0.25 to 1h, t-0.45±0.03 from 1 to 64h, and t-0.63±0.07 from 64 
to 1024h.  These coarsening power-law exponents do not satisfy the coarsening model 
predicted value of -1.  This indicates a slower coarsening rate of coarsening and the lack 
of achievement of a stationary state.  This slower coarsening rate has been accredited to 
the segregation behavior of Ni, Al, and Mn to the precipitate/matrix interface, forming an 
envelope around the precipitates [3-4,6-8] 
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Weldments 
 Farren et al [15] has done a comprehensive welding and welding simulation study 
of NUCu-140.  The first part of the study focused on GTAW and GMAW.  The chemical 
composition of the steel and matching filler wire, designated Exp2, used in the study are 
shown in Table 1.  The welds were made using the parameters given in Table 4.  
 
Table 4.  Welding parameters used for NUCu-140 GMAW and GTAW [15] 
 
 
 Figure 11 and Figure 12 show a Vickers microhardness trace spanning the base 
metal, HAZ, and FZ of sample welded by GMAW and GTAW, respectively.  In the both 
samples, a local softening with respect to the base metal in the HAZ is observed.  
However, the FZ in the GTAW (330 HV) shows a higher microhardness than the base 
metal (290 HV), while the microhardness of the FZ in the GMAW (260 HV) is lower 
than the base metal (300 HV).  These results are significantly different than those 
typically observed in quenched and tempered steels, which exhibit an increase in 
microhardness in the HAZ due to the formation of martensite.  NUCu-140 does not form 
an appreciable amount of martensite during cooling under these conditions due to its low 
alloying element concentrations.   
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Figure 11.  Vickers microhardness trace on NUCu-140 GMA weld [15] 
 
 
Figure 12.  Vickers microhardness trace on NUCu-140 GTA weld [15] 
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 This local HAZ softening is demonstrated further by tensile testing analyzed with 
digital image correlation (DIC).  The results of such a test are shown in Figure 13.  
Localized strain in the softened HAZ region prior to fracture is observed.  The post-
failure image shows that failure has occurred in the locally softened HAZ region.  The 
locally softened HAZ in the GTA weld observed through tensile testing is consistent with 
the HAZ microhardness trends observed in a similar weld. 
 
Figure 13.  Tensile DIC test showing localized strain and ultimate failure in the HAZ of a 
NUCu-140  weldement [15] 
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 To better understand the microhardness trends, several regions (labeled in Figure 
11) of the GMAW sample were examined using LOM and LEAP tomography.  Figure 14 
shows LOM micrographs of the base metal, HAZ, and FZ regions.  The base metal, HAZ 
1, and HAZ regions exhibit a predominantly equiaxed ferritic microstructure with only 
small microstructural changed across the three regions at an LOM level.  A reduction in 
the grain size of the HAZ 2 region (8.8±0.51μm) from the base metal (11.4±0.91μm) 
suggests that austenite formation, followed by rapid ferrite grain nucleation, occurs in this 
region.  This means the peak temperature in this region is above the Ac3 temperature 
under these conditions. 
 
Figure 14.  LOM imaged of the five highlighted areas on the GMAW microhardness 
trace in Figure 11 [15] 
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 The HAZ 3 and FZ microstructures display an acicular ferrite structure.  The 
formation of acicular ferrite is enhanced when the austenite grain size increases [16-19].  
The presence of acicular ferrite is thus an indication of significant austenite grain 
coarsening in these regions during the weld thermal cycle.  NUCu-140 was designed to 
contain a small fraction of NbC precipitates located on austenite grain boundaries to 
inhibit austenite grain growth at high temperatures.  The presence of acicular ferrite in the 
HAZ 3 and FZ regions suggests that the peak temperature in these regions was high 
enough to dissolved the NbC precipitates and allow for austenite grain growth to occur.  
Thermodynamic calculations performed on similar alloys indicate the solvus temperature 
of NbC lies between 1050°C and 1100°C [8].  LOM photomicrographs from the GTAW 
sample in Figure 15 exhibit similar microstructures than those described for the GMAW 
sample.  The actual thermal cycles for each region were estimated using Sandia 
Optimization and Analysis Routines (SOAR), and were determined to be 150°C, 675°C, 
910°C, and 1350°C for the BM, HAZ 1, HAZ 2, and HAZ 3 regions, respectively.  
Dilatometry measurements performed under thermal cycles representative for each region 
were done, and the HAZ 1, HAZ 2, and HAZ 3 regions were determined to be the 
subcritical, fine grained, and course grained HAZ regions. 
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Figure 15.  LOM imaged of the five highlighted areas on the GTAW microhardness trace 
in Figure 12 [15] 
 
 LEAP tomography was used to examine the changes in average precipitate radius, 
<R>, number density, Nv, and volume fraction Φ of the Cu-rich precipitates in the 
selected regions of the GMAW sample.  Figure 16 displays the representative 
reconstructions from each region delineated by a Cu isoconcentration surface.  Further 
analysis of these reconstructed images were used to determine <R>, Nv, and Φ and are 
displayed in Figure 17.  The overall trends of <R>, NV, and Φ are consistent with the 
microhardness trace, as the microhardness decreases directly with <R> and Φ.  The slight 
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recovery in microhardness observed in the HAZ 3 and FZ regions compared to the HAZ 
region can be contributed to the acicular ferritic microstructure. 
 
Figure 16.  LEAP reconstructions from selected regions in the HAZ delineated by Cu 
isoconcentration surfaces [15] 
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Figure 17.  LEAP tomography data collected from NUCU-140 GMA weld showing the 
precipitate evolution across the BM, HAZ, and FZ regions [15] 
 
 MatCalc simulations were done to investigate the precipitate evolution during the 
weld thermal cycle in each region of the HAZ and FZ.  Results of the MatCalc 
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simulations for the 675°C and 910°C peak temperature weld thermal cycles are presented 
in Figure 18 and Figure 19, respectively.  It can be seen from the initial decrease in <R>, 
NV, and Φ during the initial stages of the cooling cycle that partial dissolution occurs 
during the 675°C peak temperature weld thermal cycle.  The precipitates are fully 
dissolved on heating during the 910°C peak temperature weld thermal cycle, followed by 
re-precipitation upon cooling.  This dissolution and re-precipitation was also observed for 
weld thermal cycles with peak temperatures of 1350°C and 2500°C.  The results of the 
simulations compared to the LEAP tomography results are summarized in Table 5.  From 
these results it is clear that the local softening in the HAZ of NUCu-140 can be 
contributed to partial and full dissolution of the Cu-rich precipitates during the weld 
thermal cycle. 
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Figure 18.  MatCalc simulation result for HAZ 1 (675°C peak temperature) showing the 
evolution of the Cu-rich precipitates in NUCu-140 during a simulated GMA weld thermal 
cycle [15] 
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Figure 19.  MatCalc simulation result for HAZ 2 (910°C peak temperature) showing the 
evolution of the Cu-rich precipitates in NUCu-140 during a simulated GMA weld thermal 
cycle [15] 
 
Table 5.  Summary of MatCalc results for NUCu-140 GMAW thermal cycles compared 
to LEAP tomography results [15] 
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Simulated HAZ samples were made using a Gleeble to do more extensive 
mechanical properties characterization of the different regions of the HAZ.  Welding 
thermal cycles simulating high heat input (3.75 J/m) and low heat input (1.5 J/m) with 
peak temperatures of 675°C, 800°C, 900°C, and 1350°C were used.  The Vickers 
microhardness, tensile testing results, and charpy impact testing results are shown in 
Figure 20, Figure 21, and Figure 22, respectively.  The microhardness trends are similar 
to those found previously on welded samples, with local softening occurring in the HAZ.  
The yield and tensile strengths follow a similar trend as the microhardness, with a 
decrease in strength in the fine grained and intercritical HAZ regions.  The elongation at 
failure remains constant across the HAZ as compared to the base metal.  The charpy 
impact energies, on the other hand, follow an opposite trend to the strength and 
microhardness, with an increase in the HAZ as compared to the base metal.  It can also be 
seen from this data that the mechanical properties of the HAZ appear to be relatively 
unaffected by heat input.  Similar results were obtained by Leister et al [20] who 
investigated the fracture toughness of weld thermal simulated HAZ samples of NUCu-
140. 
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Figure 20.  Vickers microhardness of NUCu-140 simulated HAZ samples [15] 
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Figure 21.  Tensile testing results of NUCu-140 simulated HAZ samples [15] 
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Figure 22.  Charpy impact testing results of NUCu-140 simulated HAZ samples [15] 
 
 As demonstrated by Farren et al, the local softening in the HAZ is due to 
precipitate dissolution, not precipitate coarsening which is the case for most conventional 
precipitation strengthened alloys.  This means that the local softening and loss of strength 
in the HAZ should be able to be reversed by post-weld heat treatment or multiple weld 
passes.  While this has not been demonstrated for NUCu-140, a study by Yu et al [21] has 
demonstrated strength recovery during multiple weld thermal simulations in a similar 
alloy, BlastAlloy 160 (BA 160).  The elemental composition of BA 160 is given in Table 
6.  The increase in alloying elements result in a martensitic microstructure for BA 160, as 
opposed to a ferritic microstructure in NUCu-140.  However, the same softening and 
strength reductions in the fine-grained and course-grained HAZ regions was found, and 
was attributed to the dissolution of Cu-rich precipitates and M2C carbides during the weld 
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thermal cycle [22].  Therefore, this study can be used to assess the validity of strength 
recovery in NUCu-140 by multipass welding. 
 
Table 6.  Chemical composition of BA 160 [20] 
 
 
 Samples were prepared with the thermal cycles depicted in Figure 23 to simulate 
the CGHAZ followed by a secondary peak temperature of 650°C for both high and low 
heat inputs.  Vickers microhardness results are shown in Figure 24.  It was observed that 
the microhardness decreased after the CGHAZ weld thermal cycles but increased to the 
level of the as-received base metal after the subsequent 650°C weld thermal cycle, as 
seen in Table 7.  LEAP tomographic reconstructions also show a full dissolution of Cu-
rich precipitates after the CGHAZ weld thermal cycle, with precipitation occurring 
during the subsequent weld thermal cycle.  The LEAP tomography data summarized in 
Table 8 also shows an increase in Nv and <R> in the multipass samples as compared to 
the CGHAZ samples, indicating the occurrence of precipitation and growth during the 
second weld thermal cycle.  This study verifies the possibility of strength recovery in BA 
160 and similar alloys, such as NUCu-140.  However, a more complete study of primary 
and secondary peak temperatures in multipass welds is required to understand all regions 
of the HAZ.  Also, no study has been done to investigate the possibility of a direct 
isothermal post-weld heat treatment for strength recovery. 
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Figure 23.  Thermal profile of simulated double thermal cycle HAZ [21] 
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Figure 24.  LEAP tomographic reconstruction showing Cu-rich precipitates delineated by 
Cu isoconcentration surfaces in BlastAlloy 160 multipass weld HAZs [21] 
 
Table 7.  Microhardness of as-received materials and different HAZ regions in 
BlastAlloy 160 [21] 
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Table 8.  Radius and number density of Cu-rich precipitates for as-received and different 
simulated HAZ regions in Blast Alloy 160 [21] 
 
 
In this study, hot-ductility and SRC tests were employed to determine the weldability 
of NUCu-140 relative to the establi500shed naval alloy HSLA-100 for comparison.  The 
results of this study will be useful for avoiding these defects during practical fabrication 
conditions. 
 
Weldability Experiments 
Experimental 
A. Materials 
The measured chemical compositions of the HSLA-100 and experimental NUCu-140 
alloys are provided in Table 9.  The HSLA-100 material was provided in the form of 25.4 
mm (1.0 in.) rolled plate by the Naval Surface Warfare Center Carderock Division (West 
Bethesda, Md.).  The experimental NUCu-140 material was provided in the form of 12.7 
mm (0.5 in.) rolled plate by Northwestern University.  The NUCu-140 was cast into 
ingots and homogenized at 1150 °C for 3 hr prior to hot rolling at approximately 950 °C 
and air cooled. The plates were solutionized at 900 °C (1652°F) for 1 hr, water quenched 
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to room temperature, aged at 550 °C (1022°F) for 2 hr, and air cooled to room 
temperature. 
 
 
Table 9.  Chemical composition of NUCu-140.  All values in weight percent. 
Element NUCu-140 
Fe Bal. 
Al 0.65 
C 0.04 
Cu 1.35 
Mn 0.47 
Nb 0.07 
Ni 2.75 
P 0.009 
S 0.002 
Si 0.47 
 
B. Stress-Relief Cracking Tests 
Stress-relief cracking tests were conducted using a Gleeble 3500 thermo-mechanical 
simulator on solid cylindrical samples of dimensions 111mm (4.37 in) overall length and 
10mm (0.39 in) diameter with a reduced cross section free span of dimensions 10mm 
(0.39 in) in length and 6mm (0.24) in diameter with threaded ends.  The CGHAZ was 
simulated using a peak temperature of 1350°C (2462°) and 1.5 kJ/mm (38.1 kJ/in) heat 
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input.  The simulated CGHAZ thermal cycle is shown in Figure 25.  The welding thermal 
cycle was determined using Smartweld Optimization and Analysis Routine (SOAR) 
software [23,24].  Prior to conducting the SRC tests, hot tensile tests were conducted at 
each test temperature on simulated CGHAZ samples.  The yield strength at each test 
temperature was determined using a 0.2% offset.  
 
 
Figure 25.  Schematic showing weld thermal cycle simulating CGHAZ (peak temperature 
of 1350°C) and subsequent SRC test. 
 
A schematic of the CGHAZ weld thermal cycle and subsequent SRC test is show in 
Figure 25.  The samples were subjected to the simulated weld thermal cycle and allowed 
to cool to room temperature.  The samples were then heated at a rate of 50°C/s (122°F/s) 
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to the test temperature.  The samples were held at the test temperature for 1 second prior 
to stroke initiation applying a force of 4.45 kN/min (1000 lbf/min) to the predetermined 
yield stress determined by the hot tensile tests.  Once the sample was stressed to the 
predetermined stress, the stress was allowed to relax at a fixed displacement.  The stroke 
remained locked and the temperature static at the test temperature until the sample 
fractured by SRC.  The rate of stress relaxation was measured by the load cell of the 
Gleeble.  A schematic of the force vs time relationship during the SRC test is shown in 
Figure 26.  
 
 
Figure 26.  Plot showing force vs time during the SRC test showing the initial loading of 
the sample and subsequent stress relaxation after the stroke is fixed. 
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C. Hot-Ductility Tests 
Hot-ductility tests were conducted using a Gleeble 3500 thermo-mechanical simulator 
using solid cylindrical samples of dimensions 5 mm (.20 in) diameter and 75 mm (2.95 
in) in length.  Temperature control was provided by Types K and S thermocouples 
percussion welded at the center of the free span on the sample.  To determine the NST of 
each alloy, samples were heated to 1400°C (2552°F) at a rate of 100°C/s (212°F/s) and 
then heated at a rate of 1°C/s (33.8°F/s) until failure occurred from liquation.  To 
minimize the amount of force on the sample, a “low-force” jaw set was used for these 
tests.  This testing apparatus exerts a static force of approximately 0.11 kN (25 lbf) on the 
sample.  Three tests were conducted and an average for the NST is reported.  The OH test 
samples were heated at a rate of 100°C/s (212°F/s) to the test temperature and held for 
one second prior to stroke initiation at a rate of 50 mm/second.  The OC tests were 
conducted by heating at a rate of 100 °C/s (212°F/s) to a temperature 15°C (59°F) below 
the NST, holding for one second, cooling to the test temperature at a rate of 25°C/s 
(77°F), and holding for one second prior to stroke initiation at a rate of 50mm/s (1.97 
mm).  Single samples were tested at each temperature for the OH and OC tests.  The 
ductility of the samples was evaluated by measuring the diameter of each fracture surface 
in two locations with digital vernier calipers to determine an average diameter for the 
percent reduction in area (RA) measurements. 
 
D. Microstructural Evaluation 
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Samples selected for metallographic analysis were mounted in epoxy and ground 
down to a cross section in the center of the sample.  The samples were then polished and 
etched in a 2% Nital solution.  Light optical micrographs of the cross sectional samples 
were acquired using a Reichert MeF3 inverted light optical microscope.  Fractographic 
analysis was conducted using a Philips XL30 Environmental SEM with a LaB6 filament.  
Samples were cleaned with ethyl alcohol and air dried prior to examination.   
 
Results and Discussion 
A.  Stress-Relief Cracking Results 
The stress relaxation curves for both NUCu-140 and HSLA-100 for test temperature 
ranges 450-550°C (842-1022°F) and 600-700°C (1112-1292°F) are shown in Figures 27 
and 28, respectively.  The failure time is represented by the end of the tests.  The NUCu-
140 steel generally exhibited a higher rate of stress relaxation and larger overall reduction 
in stress than HSLA-100.  Exceptions to this are observed at 500°C (932°F) where the 
rate and extent of stress relaxation are similar for the two alloys, and 700°C (1292°F), 
where the HSLA-100 alloy showed a faster relaxation rate and higher overall stress 
reduction than NUCu-140.  NUCu-140 also exhibited longer times to failure compared to 
HSLA-100 for all test temperatures. 
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Figure 27.  Stress-relief curves of HSLA-100 and NUCu-140 steel for test temperatures 
between 450-550C showing (A) initial stress relief at short times and (B) full test time. 
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Figure 28. Stress-relief curves of HSLA-100 and NUCu-140 steel for test temperatures 
between 600-700C showing (A) initial stress relief at short times and (B) full test time. 
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A plot of the time-to-failure (TTF) as a function of test temperature is show in Figure 
29, where there are significant differences observed between the cracking behavior of the 
two steels.  While both alloys showed typical C-curve behavior with a minimum TTF 
occurring at an intermediate PWHT temperature, the failure times and temperatures of 
the minimum TTD are quite different.  NUCu-140 exhibited a minimum TTF of 121.95 
minutes at 550°C (1022°F) while HSLA-100 exhibited a minimum TTF of 3.77 minutes 
at 650°C (1202°F).  The entire C-curve for HSLA-100 was shifted to higher temperatures 
and shorter times compared to NUCu-140. 
 
 
Figure 29.  Time-to-failure vs test temperature of NUCu-140 and HSLA-100 tests 
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B.  Stress-Relief Cracking Microstructures and Fractography 
Figures 30 through 32 show the representative SRC microstructures and fracture 
surfaces of both alloys for the 500°C (932°F) and 600°C (1112°F) samples.  The cross-
sectional microstructures exhibit discontinuous cracks along prior austenite grain 
boundaries (PAGB) adjacent to the fracture surface for both alloys and both test 
temperatures.  Similar discontinuous cracking is also observed for the other test 
temperatures for both alloys.  While discontinuous cracks were observed in both alloys, 
cracks were much larger and more numerous in the NUCu-140 samples. 
 
 
Figure 30.  SEM fractographs and LOM cross section images of (A,B) NUCu-140 and 
(C,D) HSLA-100 500°C SRC samples. 
A B 
 
C D 
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Figure 31.  SEM fractographs and LOM cross section images of (A,B) NUCu-140 and 
(C,D) HSLA-100 600°C SRC samples. 
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Figure 32.  Higher magnification SEM fractograph of the (A) NUCu-140 500°C SRC and 
(B) HSLA-100 600° SRC samples showing indications of intergranular MVC. 
 
Both NUCu-140 and HSLA-100 exhibited features of intergranular fracture for all 
test temperatures.  However, NUCu-140 exhibited indications of local ductile tearing at 
the grain boundaries.  HSLA-100, however, exhibited this local ductile tearing in only the 
600°C (1112°F) sample with smooth intergranular features in the 500°C sample (932°F).  
The local ductile tearing at the grain boundaries is shown more clearly in the higher 
magnification images in Figure 32.  This suggests that, despite the low ductility 
intergranular failure, there is some localized plastic deformation at the grain boundaries 
for all of the NUCu-140 samples and the higher temperature HSLA-100 samples. 
 
C.  Stress-Relief Cracking Mechanism 
It has been observed previously in NUCu-140 [15] and similar HSLA alloys [25-32] 
that the Cu-rich precipitates dissolve in regions of the HAZ with a peak temperature 
higher than 900°C (1652°F) and even partial dissolution at a peak temperature of 675°C 
A B 
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(1247°F) in NUCu-140 [15].  Subsequent cooling to room temperature is too fast for 
significant re-precipitation to occur.  Subsequent re-precipitation and strengthening of 
these HAZ regions occurs at the temperatures associated with stress-relieving.  This re-
precipitation initially occurs through the formation of coherent Cu-rich precipitates at 
dislocations located at the grain interiors and along the prior austenite grain boundaries 
[30].  It has been shown that ageing of the coherent bcc Cu-rich precipitates transforms 
them into fcc ε-phase copper and ultimately into rod-like incoherent precipitates [31].  
This coarsening of the precipitates located at the prior austenite grain boundaries will also 
deplete the adjacent area of alloying elements.  This, coupled with the strengthening of 
the grain interiors by the intergranular Cu-rich precipitates (that will overage less quickly 
and remain coherent) will transfer the creep strain associated with stress relief to the 
PAGBs and result in intergranular failure. 
This mechanism is supported by the observed microstructures.  Both alloys showed 
features of intergranular failure.  Discontinuous cracks along PAGBs were observed in 
the microstructures for both alloys.  The grain boundaries of the NUCu-140 fracture 
surfaces show small decorations that indicate local ductility at the grain boundaries.  The 
more numerous discontinuous cracks and evidence of this localized ductility at the grain 
boundaries in the NUCu-140 samples compared to HSLA-100 also supports the increased 
stress relief of NUCu-140. 
The minimum TTF for each alloy can also be explained with regards to the 
precipitation behavior and microstructural evolution at the test temperature for each alloy.  
The effect of ageing time and temperature on the hardness of a NUCu-type alloy 
determined by Gagliano et al. [5] is shown in Figure 33.  It can be seen that peak ageing 
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for times under 100 minutes occurs in the temperature range of 500-550°C (932-1022°F).  
Also, the maximum time evaluated of 100 minutes exhibited the highest hardness, which 
may indicate that peak hardness was not actually achieved after 100 minutes.  This is 
consistent with the minimum TTF for NUCu-140 which was observed to be in the same 
temperature range of 500-550°C (932-1022°F).  At this temperature range, maximum 
strengthening of the grain interiors is achieved.  Concurrent overageing of the 
intergranular precipitates, accelerated by the high diffusivity PAGBs, results in the short 
TTF at these test temperatures. 
 
 
Figure 33.  Ageing curve for a NUCu-type alloy developed by Gagliano et al. [5] 
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 The precipitate behavior of HSLA-100 is slightly more complicated than NUCu-140.  
HSLA-100 contains additional alloying elements such as Cr, Mo, and Co which are 
carbide and nitride formers.  Thus, the precipitation and ageing behavior of HSLA-100 is 
complex.  Figure 34 shows the ageing behavior of an HSLA-100 alloy of similar 
composition by Bhagat et al. [32] showing that peak hardness is achieved at 450°C 
(842°F).  This, unlike with NUCu-140, does not correlate with the minimum TTF at a 
stress-relief temperature of 650°C (1202°F).  However, this ageing behavior does not 
fully take into account the microstructure that is present at the test temperature.  It has 
been shown that the Ac1 temperature of HSLA-100 is approximately 635°C (1175°F) 
[31].  Mujahid et al. [31] has also shown that the formation of this austenite at the test 
temperature of 640°C (1184°F) results in the depletion of alloying elements and the 
formation of a precipitate free zone surrounding the austenite.  This formation of a SRC-
susceptible microstructure around 640°C (1184°F) is in correlation with the observed 
minimum TTF for the 650°C (1202°F) test temperature.  This microstructural effect is 
also not present for NUCu-140 in the range of test temperatures used in this experiment 
because the Ac1 temperature for NUCu-140 was determined to be 706°C (1303°F) [15]. 
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Figure 34.  Variation of hardness with ageing time for HSLA-100 provided by Bhagat et 
al. [32] 
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D.  Hot-Ductility Results 
The hot-ductility test curves are shown in Figures 35 and 36 for each of the alloys 
tested.  For NUCu-140, the OH ductility steadily increased with temperature until 
1300°C (2372°F) where a maximum ductility of 92% RA was achieved.  Above 1300°C 
(2372°F) the ductility rapidly decreased over a moderately narrow temperature range to 
0% RA at the NDT of 1410°C (2570°F).  For HSLA-100, similar OH behavior was 
observed.  HSLA-100 achieved a slightly higher maximum ductility at 1300°C (2372°F) 
of 95% RA with a decrease to 0% RA at an NDT of 1405°C (2561°F).    It should be 
noted that a much more rapid decrease in ductility occurred for both alloys above 1350°C 
(2462°F), compared to the initial decrease above 1300°C (2372°F).   
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Figure 35.  Hot-ductility test results: Ultimate force curves 
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Figure 36.  Hot-ductility test results:  Ductility curves 
 
The DRT of NUCu-140 was found to be 1402°C (2555°F).  The DRT of HSLA-100 
was found to be 1404°C (2559°F).  Both alloys were found to exhibit immediate ductility 
recovery in the OC tests.  HSLA-100 exhibited OC ductility that was lower than the OH 
ductility at all test temperatures except the lowest temperature of 800°C (1472°F).  
However, NUCu-140 showed an immediate increase in OC ductility at the DRT that was 
similar to the OH ductility with the OC ductility being lower than the OH ductility for 
lower temperatures. 
Figure 35 shows that the ultimate force values for decreased with increasing test 
temperature for the OH and OC tests for both alloys tested.  The OC and OH ultimate 
forces were similar for each test temperature.  Also, HSLA-100 exhibited higher strength 
than NUCu-140 for the lower test temperature, but the two alloys showed comparable 
strength values above 1200°C (2192°F). 
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E.  Liquation Cracking Temperature Range (LCTR) 
Table 10 summarizes the quantitative hot-ductility results to assess the liquation 
cracking susceptibility of each alloy. The difference between the NST and DRT is 
referred to as the liquation cracking temperature range (LCTR).  Lin et al. [33] has 
recommended using the LCTR as a way to measure the susceptibility of an alloy to HAZ 
liquation cracking in a quantifiable manner. Alloys with a narrow LCTR can be 
considered to be resistant to HAZ liquation cracking.  Many alloys have been tested in a 
similar manner to the experiments conducted here and can be used for comparison [25-
29, 34-37].  The LCTR of 36°C (97°F) for NUCu-140 and 38°C (100°F) for HSLA-100 
indicates a low susceptibility to HAZ liquation cracking.  310 stainless steel, which is 
considered to be resistant to HAZ liquation cracking, exhibits a LCTR of 25°C (77°F).  
Also, the susceptibility of NUCu-140 is equal to or less than other Naval alloys when 
compared to LCTR values of 148°C (298°F), 62°C (144°F), 40°C (104°F), and 43°C 
(109°F) reported by Lippold et al. [34] for BA-160, HY-100, HSLA-100, and HY-100, 
respectively.  Thus, the susceptibility of NUCu-140 to liquation cracking can be 
considered good overall and on par or better than other Naval alloys. 
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Table 10.  Summary of Hot-Ductility Test Parameters for Each Alloy 
Parameter, °C (°F) NUCu-140 HSLA-100 
NDT 1410 (2570) 1405 (2561) 
NST 1438 (2620) 1436 (2617) 
DRT 1402 (2556) 1404 (2559) 
LCTR 36 (97) 32 (90) 
 
 
F.  Hot-Ductility Microstructures 
  Cross-section LOM photomicrographs taken adjacent to the fracture surface of the 
NST and NDT for both alloys are shown in Figures 37A,C and 38A,C, respectively.  In 
the NDT samples for both alloys, secondary discontinuous cracks were observed adjacent 
to the fracture surface.  The cracking occurs along prior austenite grain boundaries 
(PAGBs) and do not extend across multiple grains in most cases.  This suggests that the 
liquid films present at temperatures just below the NDT were discontinuous.  Figure 39 
shows the microstructure for the 1000°C (1832°F) OC test sample for each alloy.  The 
microstructure of HSLA-100 (Figure 37C) for this OC test shows microvoid formation 
while NUCu-140 (Figure 37A) shows no evidence.  This observation supports the lower 
OC ductility for NUCu-140 compared to HSLA-100. 
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Figure 37.  SEM fractographs and LOM cross section images of (A,B) NUCu-140 and 
(C,D) HSLA 100 NST samples 
A B 
 
C D 
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Figure 38.  SEM fractographs and LOM cross section images of (A,B) NUCu-140 and 
(C,D) HSLA 100 NDT samples 
 
 
A B 
 
C D 
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Figure 39.  SEM fractographs and LOM cross section images of (A,B) NUCu-140 and 
(C,D) HSLA-100 OC 1000C test sample 
 
 
G.  Hot-Ductility Fractography 
Fractographs for each alloy of the NDT fracture surfaces are shown in Figure 38B 
and D.  The fracture surface of HSLA-100 shows no clear evidence of the presence of 
liquid films.  The fracture surface of the NUCu-140 NDT sample shows rounded, step-
like features which indicate the presence of discontinuous liquid films at the point of 
failure.  Both alloys exhibited similar fracture surfaces in the NST fracture surfaces 
A B 
 
C D 
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(Figure 37B and D) with NUCu-140 elongated step-like features being more pronounced.  
The HSLA-100 NST fracture surface did not have the localized features as in the NDT 
sample, indicating that the liquation was not localized.  Both alloys showed features of 
microvoid coalescence (MVC) in the OC tests, which are represented by the fracture 
surfaces of the 1000°C (1832°F) OC test sample fractographs in Figure 39.  The fracture 
surface exhibits ductile tearing with both large and small microvoids. 
 
H.  Liquation Mechanisms 
The microstructure of the NDT samples indicates that failure occurred due to 
incipient grain boundary melting.  Bulk melting and solidification is only plausible for 
pure metals, and thus should be discarded as a possible failure mechanism.  Incipient 
melting is also supported by the intergranular features exhibited by the NDT sample 
fracture surfaces. 
To understand the possible liquation mechanism for each alloy, it is important to 
understand the high temperature microstructural evolution.  Thermocalc software was 
used to determine the microstructural evolution at high temperatures for both alloys: 
 
γ   →  γ  +  δ  →  γ  +  δ  +  L  →  δ  +  L  →  L 
 
These results predict the transformation sequence for both alloys is hypoperitectic.  
Equilibrium formation of δ-ferrite occurs before equilibrium melting.  The equilibrium 
austenite to δ-ferrite transformation temperatures were calculated to be 1438°C (2620°F) 
and 1446°C (2635°F) for NUCu-140 and HSLA-100, respectively.  The higher Ni 
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content of the HSLA-100 stabilizes the austenite to a higher temperature than compared 
to NUCu-140. 
These δ-ferrite temperatures are very close to the NDT temperatures for each alloy.  It 
has been proposed by Caron et al. [25] that this formation of δ-ferrite is beneficial to 
reducing the hot-ductility behavior of HSLA-100.  The formation of δ-ferrite has both 
beneficial and detrimental effects on OH ductility loss.  The formation of δ-ferrite 
promotes incipient melting due to the segregation of alloying elements such as C, Cu, and 
Ni to the austenite phase.  Furthermore, incipient melting occurs at the austenite/austenite 
grain boundaries due to the reverse peritectic reaction and not at the austenite/δ-ferrite or 
δ-ferrite/δ-ferrite boundaries.  This was established by Mathews et al. [37] who showed 
that the penetration of Cu-Ni weld metal was greater along austenite/austenite grain 
boundaries in HY-80 steel compared to alloys that had a bcc structure at elevated 
temperatures.  Also, due to the higher solid solubility of impurity elements such as S and 
P in bcc Fe compared to fcc Fe, it can be suggest that initial liquation due to impurity 
element segregation is also not promoted at the δ-ferrite boundaries.  However, the 
formation of δ-ferrite has the potential to cause grain boundary decohesion similar to 
what is observed in stainless steels.   
The limited susceptibility to HAZ liquation cracking for both NUCu-140 and HSLA-
100 can be attributed to concurrent incipient grain boundary melting and formation of δ-
ferrite in the same temperature range.  The presence of δ-ferrite in the temperature range 
of incipient melting is beneficial in that the liquid films are non-wetting at the two-phase 
boundaries.  Kujanpaa et al. [38] also observed this phenomena in austenitic stainless 
steels where an increase in the Creq/Nieq, and the formation of a small amount of δ-ferrite 
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in the HAZ, resulted in a decrease in the cracking susceptibility relative to purely 
austenitic alloys. 
Strength Recovery Experiments 
Experimental  
The chemical composition of NUCu-140 steel investigated in this study is shown in 
Table 9. The steel was cast into ingots and homogenized at 1423 K (1150 °C) for 3 hours 
prior to hot rolling at approximately 1223 K (950 °C) and air cooled. The plates were first 
solutionized at 1173 K (900 °C) for 1 hour and water quenched to room temperature. 
They were then aged at 823 K (550 °C) for 2 hour, and air cooled to room temperature.  
The first approach to promote re-precipitation in the HAZ was an isothermal PWHT. 
Autogeneous gas tungsten arc (GTA) welds were made on the rolled plate with heat input 
of 1.6 kJ/mm. The arc current and voltage were 200A and 8V, respectively, and the 
welding travel speed was 1 mm/sec. Cross sectional samples with dimensions of 10mm x 
5mm x 70mm were cut perpendicular to the welding direction. These samples were 
isothermally heat treated at 773 and 823 K (500 and 550°C). The samples aged at 773 K 
(500°C) were held at temperature for 1, 4, 10, and 16 hours. The samples aged at 823 K 
(550°C) were held at temperature for 0.25, 1, 4, and 10 hours. These temperatures were 
selected to mimic the aging temperature of the base metal shown to provide peak 
hardness by Isheim et al [5].  
The second approach was to use a lower temperature thermal cycle of a secondary 
weld pass to promote reprecipitation in the HAZ of the previous weld pass. Welding with 
the use of multiple weld passes is common practice in the joining of thick plates. 
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Multipass weld HAZ simulations were done using various initial and secondary peak 
temperatures with a Gleeble 3500 thermo-mechanical simulator. Initial peak temperatures 
of 1073, 1173, and 1623 K (800, 900, and 1350°C) were chosen to represent the 
intercritical (ICHAZ), fine-grained (FGHAZ), and coarse-grained (CGHAZ) heat 
affected zones, respectively. A peak temperature of 1423 K (1150°C) was chosen to be an 
intermediate temperature between the FG and CGHAZ. The initial peak temperatures 
were chosen based on dilatometry results presented by Farren et al. [3] to represent each 
region of the HAZ, where the Ac1 and Ac3 temperatures for NUCu-140 steel were found 
to be 979 K (706°C) and 1097 K (824°C), respectively [3]. Farren et al. has shown that 
there is no change in the precipitate characteristics or softening in the subcritical HAZ 
region. For this reason an initial peak temperature representative of this region was not 
selected for this study. The secondary peak temperatures were chosen to achieve the 
highest precipitation kinetics while remaining at or below the dissolution temperature of 
Cu precipitates. Thermodynamic simulations using MatCalc [39, 40] and the binary Fe-
Cu system resulted in a dissolution temperature for the Cu-rich precipitates of 
approximately 963 K (690°C) under equilibrium conditions. The secondary peak 
temperatures must also be high enough to promote fast precipitation kinetics during the 
weld thermal cycle. Thus, secondary peak temperatures of 873, 923, and 973 K (600, 
650, and 700o C) were selected. The Smartweld Optimization and Analysis routine 
(SOAR) software [23, 24] was used to determine thermal cycles associated with each 
peak temperature using heat inputs of 0.75 kJ/mm and 1.5 kJ/mm. A representative 
thermal cycle for an initial peak temperature of 1623 K (1350°C) and a secondary peak 
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temperature of 873 K (600°C) associated with a heat input of 0.75 kJ/mm is shown in 
Figure 40 as an example.  
 
Figure 40.  Representative multipass weld HAZ thermal cycles showing an initial peak 
temperature of 1350°C and a secondary peak temperature of 600°C 
 
Strength restoration was investigated with microhardness traverses across the GTA 
weldments. Microhardness traverses were made across the GTA welds in the as-welded 
and PWHT conditions using a load of 300g, 15s dwell time, and Vickers diamond 
indenter. Microhardness of the multipass weld simulated samples was also done using the 
same conditions, with the average of 10 indents being reported. Metallographic samples 
were prepared using standard metallographic techniques with a final polishing step of 
0.05 μm colloidal silica. These samples were etched using a solution of 2% Nital by 
submersion. The microstructure was characterized using a Reichert Jung MeF3 light 
optical microscope. Analysis of the sub-nanometric sized Cu-rich precipitates was 
performed with a Cameca local-electrode atom probe (LEAP) 4000X-Si tomograph using 
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ultraviolet (λ = 355nm) picosecond laser pulsing with laser energy of 30 pJ per pulse, a 
pulse repetition rate of 500 kHz, and an average evaporation rate of 1% (ions per pulse). 
Site-specific samples for atom probe tomography (APT) were prepared using dual-beam 
focused-ion beam (FIB) microscope (FEI Helios Nanolab, Hillsboro, OR, USA) by 
following a standard lift out procedure, the details of which are described elsewhere [10]. 
APT experiments were done at a specimen base temperature of 60 K in ultrahigh vacuum 
(< 10-8 Pa) and the data obtained was analyzed using the program IVAS 3.6 (Cameca, 
Madison, WI). The mean radius, number density (Nv) and volume fraction (Φ) of Cu 
precipitates were determined using the envelope method, which is based on the maximum 
separation distance algorithm [41, 42]. The radius of the precipitate determined here is 
the volume equivalent radius of a sphere [43]. Cu precipitates are delineated in the 3-D 
atom probe reconstructions using isoconcentration surfaces for the sake of visual 
purposes only [44].  
Thermodynamic and kinetic simulations of the Cu-rich precipitates using the MatCalc 
modeling codes were also conducted for comparison to the experimental results [39, 40]. 
The binary Fe-Cu system was used for all simulations. To capture the surface energy 
effects of the Ni, Al, and Mn segregation to precipitate/matrix interface as described in 
previous work [3, 7, 45-47] the surface energy of the binary FeCu precipitates was 
manipulated as a function of temperature and time. This surface energy manipulation has 
been shown to give good agreement between simulated and experimentally obtained 
precipitate characteristics for the base metal and single weld pass thermal treatments [7]. 
The temporal evolution of the mean precipitate radius <R>, number density NV, and 
phase fraction φ was first simulated for the base metal thermal history as described 
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above. These precipitate characteristics were then used as input for simulations for the 
initial weld HAZ thermal cycles followed by either another weld pass or isothermal 
PWHT. 
 Results and Discussion  
A. Multipass Weld Simulations  
Figure 41 and Figure 42 show the Vickers microhardness measurements of multipass 
HAZ simulated samples with a heat input of 0.75 and 1.5 kJ/mm, respectively. Each set 
of columns represents an initial peak temperature while each column within the grouping 
represents a subsequent secondary peak temperature or the as-welded condition. The base 
metal is represented by the single column. These results show no statistical improvement 
in microhardness between the as-welded (only initial peak temperature) and multipass 
weld HAZ for the 0.75 kJ/mm heat input samples. This is also the case for the 1.5 kJ/mm 
heat input samples, except for the 1623 K (1350°C) initial peak temperature where there 
is a slight increase in hardness after exposure to the secondary peak temperatures. Also 
note that the 1623K (1350°C) peak temperature results in a lower hardness in the as 
welded condition for the 1.5 kJ/mm sample compared to the 0.75 kJ/mm sample. The 
higher hardness in the CGHAZ region as compared to the FGHAZ is not due to any re-
precipitation of Cu precipitates but is due to the formation of an acicular ferritic 
microstructure and its fine substructure as described previously by Farren et. al [15].  
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Figure 41.  Vickers microhardness of weld HAZ simulations using an initial and 
secondary peak temperature for a heat input of 0.75 kJ/mm 
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Figure 42.  Vickers microhardness of weld HAZ simulations using an initial and 
secondary peak temperature for a heat input of 1.5 kJ/mm 
 
 
To better understand the microhardness results, the evolution of the Cu-rich 
precipitates during the weld thermal cycles was modeled using the MatCalc modeling 
code. The compositional dependence of interfacial energy and chemical driving force are 
taken into account in MatCalc, which provides a significant improvement over the 
classical nucleation, growth, and coarsening models when applied to the Fe-Cu system. 
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first simulated, followed by the multipass weld HAZ thermal cycle. A representative 
simulation output for a 0.75 kJ/mm heat input thermal cycle with an initial peak 
temperature of 1073 K (800°C) and a secondary peak temperature of 923 K (650°C)) is 
shown in Figure 43 as an example. It can be seen that dissolution occurs even during a 
peak temperature of 923 K (650°C), which is below the equilibrium dissolution 
temperature of 963 K (690o C). This is due to the interfacial surface energy corrections 
used in the kinetic computations in the precipitation modeling codes not being present in 
the thermodynamic equilibrium calculations. The simulations indicate little to no change 
in , Nv, and φ between the initial and secondary thermal cycles. 
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Figure 43.  MatCalc simulation showing the evolution of φ, NV, and <R> for the Cu-
precipitates in NUCu-140 steel during a multipass weld simulation with an initial peak 
temperature of 800°C and a secondary peak temperature of 650°C and a heat input of 
0.75 kJ/mm 
 
 Precipitation modeling results for the 0.75 and 1.5 kJ/mm heat input simulations are 
summarized in Figure 44 and Figure 45, respectively. The samples in the as welded 
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condition are plotted using a secondary peak temperature of 813 K (540°C) for graphical 
purposes. It can be seen from these results that there is no significant change in the 
precipitate characteristics between the single and multipass weld simulations for any 
combination of peak temperatures for either heat input except for an initial peak 
temperature of 1623 K (1350°C), for which there is an increase in φ, NV, and after a 
second weld thermal cycle for both the heat inputs. This explains why the samples with a 
1.5 kJ/mm heat input and 1623 K (1350°C) peak temperature exhibited a slight increase 
in hardness after a secondary weld thermal cycle. 
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Figure 44.  Summary of MatCalc simulation results showing φ, NV, and <R> as a 
function of initial and secondary peak temperature for a heat input of 0.75kJ/mm.  The 
as-welded values were plotted for a secondary peak temperature of 540°C for graphical 
purposes. 
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Figure 45.  Summary of MatCalc simulation results showing φ, NV, and <R> as a 
function of initial and secondary peak temperature for a heat input of 1.5 kJ/mm.  The as-
welded values were plotted for a secondary peak temperature of 540°C for graphical 
purposes. 
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effect was observed in this work for NUCu-140 steel. Table 11 shows a summary of the 
strength contributions of various strengthening mechanisms for BA-160 for the base 
metal and four different HAZ conditions: the CGHAZ using a low heat input, CGHAZ 
using a high heat input, the CGHAZ followed by a secondary 923 K (650°C) weld cycle 
using a low heat input, and the CGHAZ followed by a secondary 923 K (650°C) weld 
cycle using a high heat input. It can be seen from this data that, for both heat inputs, the 
hardness is increased to the level of the as-received base metal after a secondary weld 
pass with a peak temperature of 923 K (650°C) for BA-160. Also, a large portion of the 
increase in strength from the multipass weld thermal cycle in BA 160 is due to the 
reprecipitation of metal carbides and refinement of the martensite lath size in the HAZ 
and base metal. However, these metal carbides do not form in NUCu-140 due to a lack of 
Mo and Cr. The microstructure of NUCu-140 is ferritic, therefore the contributions from 
martensite lath refinement can also be excluded for comparison. In addition, the BA-160 
had a nominal Cu concentration of 3.39 weight percent, which is higher than the 1.35 
weight percent Cu in the NUCu- 140 steel used in this work. The higher Cu concentration 
in the BA-160 alloy leads to increased supersaturation that would provide a larger driving 
force for precipitate nucleation and growth. Yu et al. [21] showed an increase of 
approximately 50 HV, out of which approximately 40% (or 20 HV) can be attributed to 
the reprecipitation of the metal carbides according to the breakdown of strengthening 
contributions. A 40 HV increase was achieved in the NUCu CGHAZ for the 1.5 kJ/mm 
sample as described above, which is similar to that found by Yu et al. The study of BA 
160 also only investigated multipass weld simulations for the CGHAZ. It has not been 
shown that multipass welding can achieve the same increase in hardness in other regions 
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of the HAZ for BA 160. These results demonstrate that multipass welding is not 
sufficient to reverse softening in the HAZ of NUCu-140 welds where precipitation 
hardening is the primary source of strengthening, and this can be attributed to insufficient 
time during the second weld thermal cycle for re-precipitation.  
 
 
Table 11.. Strengthening Contributions in Different HAZ samples for BA-160 [9] (σp - 
Strengthening by Cu Precipitates, σg - Strengthening by Martensite Lath Boundaries, σc - 
Strengthening by Metal Carbides, and Δσ - Overall Strengthening) 
 
Condition 
σp 
(MPA) 
σg 
(MPA) 
σc 
(MPA) 
Δσ 
(MPA) 
SCHAZ high 
heat input 
282.5 127.0 0 409.5 
ICHAZ high 
heat input 
190.0 290.0 0 480.0 
FGHAZ high 
heat input 
4.8 213.0 0 217.8 
CGHAZ high 
heat input 
15.8 72.3 0 88.1 
CGHAZ low 
heat input 
57.3 74.1 0 131.4 
CGHAZ + 650 
high heat input 
182.5 72.3 110.9 365.7 
CGHAZ + 650 
low heat input 
176.0 74.1 105.3 355.4 
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B. Isothermal PWHT Experiments  
Figure 46 shows the microhardness traverse across a GTA weld sample in the as 
welded condition and spans the FZ, HAZ, and base metal. Local softening in the HAZ is 
observed as a result of the weld thermal cycle, which is consistent with previous work 
[15]. The base metal has an average hardness of approximately 285 HV while the HAZ 
exhibits a minimum in hardness of 215 HV. There is an increase in hardness closer to the 
fusion zone to levels approaching that of the base metal (270 HV). However, another 
drop in the microhardness is observed in the fusion zone to a level significantly below 
that of the base metal (240 HV).  
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Figure 46.  Vickers microhardness traverse for the as-welded NUCu-140 GTA weld 
sample showing the locations of LOM analysis 
 
 
To better understand the microhardness trends, several regions were examined using 
LOM. This analysis was done adjacent to the hardness indents indicated in Figure 46 
(regions labeled FZ, HAZ 1, HAZ 2, HAZ 3, and BM). Figure 47 displays LOM 
micrographs for each of the five regions. The BM and HAZ 1 region each exhibit an 
equiaxed ferritic microstructure and there appears to be a slight increase in grain size in 
the HAZ 1 region. The HAZ 2 region also appears to have an equiaxed ferritic structure, 
but with noticeably larger grains than the BM. This indicates that some grain coarsening 
has occurred. The HAZ 3 and FZ regions show a predominately acicular ferrite 
microstructure which forms from a combination of coarse prior austenite grains and high 
cooling rate in these regions as described in Farren et al. [15]. The grains in these regions 
also appear to be much larger than the other regions, which indicate significant grain 
coarsening. The FZ grains are formed by epitaxial growth from the grains within the 
HAZ. Subsequent competitive growth along preferred growth directions in the direction 
opposite of maximum heat flow results in a coarse, columnar microstructure. Note that 
there is little change in the microstructure across the base metal and lower temperature 
HAZ regions when examined at LOM scale.  
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Figure 47.  LOM micrographs showing the (a) BM, (b) HAZ 1, (c) HAZ 2, (d) HAZ 3, 
and (e) FZ regions in the as-welded condition at the locations marked in Figure 46 
 
As an example on the effect of the PWHT, Figure 48 shows the microhardness traces 
for the samples aged at 773 K (500°C) for one hour along with the as-welded 
microhardness trace. The fusion line was identified by examining the etched samples in a 
LOM. Note the significant increase in hardness throughout the FZ and HAZ after the 
79 
 
PWHT. It is difficult to compare results between the different aging times when all raw 
hardness data are plotted on a single graph due to the large number of data points. Thus, a 
simple moving average smoothing function with a period of five was used to plot the 
microhardness data for all the aging times to aid in the interpretation of the results. The 
microhardness curves for the samples aged at 773 K (500°C) are presented in Figure 49. 
It can be seen that for all aging times, the samples aged at 773 K (500°C) display an 
increase in hardness in the HAZ to levels higher than that of the base metal and as-
welded HAZ. The hardness in the HAZ increases with aging time from one to ten hours, 
with only a slight change from 10 to 16 hours. The increase in hardness with aging time 
is most notable in the lower temperature region of the HAZ. There is no obvious trend in 
the hardness with aging time for the higher temperature HAZ region located closer to the 
fusion line. Also, it can be seen that there is no decrease in the base metal hardness after 
aging at 773 K (500°C) for up to 16 hours. These observations are significant because 
they indicate that aging at 773 K (500°C) for one hour, or even possibly less time, is 
adequate for increasing the hardness of the HAZ without incurring any loss of hardness in 
the base metal. Figure 50 displays the microhardness curves for the samples aged at 823 
K (550°C) for various times. The hardness in the HAZ increased after aging at 823 K 
(550°C) for the samples aged for 0.25 and one hour. The increase in hardness in the HAZ 
is not as large compared to the samples aged at 823 K (500°C). The hardness in both the 
HAZ and the base metal decreases for the samples aged for longer than one hour relative 
to the 0.25 and one hour heat treatments.  
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Figure 48. Vickers microhardness traverses for the as-welded condition and aged for one 
hour at 500°C. 
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Figure 49.  Smoothed microhardness traverses for the samples aged at 500°C showing the 
overall trend of the data 
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Figure 50.  Smoothed microhardness traverses for the samples aged at 550°C showing the 
overall trend of the data 
 
3-D APT was utilized to study the evolution of Cu precipitates in the HAZ, FZ and 
base metal regions of the GTA welded sample and in the directly-aged sample, 
isothermally aged at 773 K (500°C) for 10 hours. Atom probe tips were prepared from 
the regions adjacent to the hardness indents indicated in Figure 51 for the as-welded 
sample and the directly aged sample 3-D APT reconstructions for samples representing 
these regions are shown in Figure 52. Cu precipitates were not detected in the HAZ and 
FZ regions of the as welded sample, either by using envelope methodology or using 
isoconcentration surfaces. A second atom probe tip representing HAZ region in the as 
welded condition was also investigated and its 3-D APT reconstruction is shown in 
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Figure 53. No Cu precipitates were observed in this sample, but two thin, disk-shaped 
precipitates were observed in this sample. These precipitates were determined to be 
niobium carbides from their composition obtained using proximity-histogram 
(proxigram), which is shown in Figure 53(b). The existence of these precipitates of 
relatively large dimensions suggests that the precipitates did not dissolve in the HAZ 
region during the weld thermal cycle. A niobium carbide precipitate was also obtained in 
the base metal in the as-welded condition and is indicated by arrow in Figure 52(a).  
 
 
Figure 51.  Vicker's microhardness traverses for the as-welded condition and aged for 10 
hours at 500°C showing locations for LEAP tomography 
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Figure 52.  3D LEAP reconstructions obtained from Cu-10 at.% isoconcentration 
surfaces of the (a) BM,  (b) FZ, (c) HAZ, (d) FZ 500, and (e) HAZ 500 regions denoted 
in the microhardness traverses in Figure 51 
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Figure 53.  3D LEAP reconstruction of the HAZ region delineated by Nb-3 at.% 
isoconcentration surfaces showing.  Also shown is the proxigram obtained from the Nb-3 
at.% isoconcentration surface showing this particle to be NbC 
 
Re-precipitation of the Cu-precipitates occurred in the FZ and HAZ regions in the 
directly-aged sample, which was isothermally aged at 773 K (500°C) for 10 hours. These 
regions are represented as – FZ 500 and HAZ 500 in Figure 51 and the 3-D APT 
reconstructions for samples representing these regions are shown in Figure 52(d) and 
Figure 52(e) respectively. A summary of the <R> , NV, and φ of Cu precipitates obtained 
in each region examined is displayed in Table 12. Note that the <R> is smaller and NV 
larger for Cu precipitates obtained in the directly aged samples in both the regions-FZ500 
and HAZ500 than the corresponding values in the as-welded base metal. This confirms 
that the local softening observed after the welding cycle in HAZ and FZ was 
predominantly due to the dissolution of Cu precipitates and not due to their coarsening.  
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Table 12.  Summary of LEAP tomography and MatCalc simulation results for NUCu-140 
in the as-welded condition and aged for 10 hours at 500°C 
 LEAP Results MatCalc Results 
 <R> (nm) Nv (m-3) φ (%) <R> (nm) Nv (m-3) φ (%) 
BM# 3.83 1.0x1023 3.2 4.25 2.54x1022 1.0 
HAZ † † † 0.531 5.48x1024 0.34 
FZ † † † 0.485 5.05x1024 0.31 
BM500 ‡ ‡ ‡ 4.55 2.28x1023 1.0 
HAZ500 2.31±0.66 (4.91±0.39)x1023 3.12±0.005 2.42 1.45x1023 1.0 
FZ500 2.48±0.85 (3.7±0.49)x1023 2.83±0.007 2.56 1.70x1023 1.0 
†- indicates no precipitates found 
‡- indicates region not analyzed by LEAP tomography 
 
The composition of the Cu-rich precipitates, their interfaces, and the surrounding 
matrix was obtained using proxigrams, which are obtained from Cu-10 at.% 
isoconcentration surfaces. Figure 54 shows the proxigram obtained from Cu precipitates 
in the as-welded BM, while Figure 55(a) and Figure 55(b) show the proxigrams obtained 
from Cu precipitates in the FZ 500 and HAZ 500 regions of the directly-aged samples. 
Figure 54 reveals that segregation of Ni, Al, and Mn occurs at the precipitate/matrix 
interface of the Cu precipitates in the as-welded BM. The concentrations of these 
elements decrease significantly in the precipitate core, relative to their enriched 
concentrations at the interface. Figure 55 reveals that Cu precipitates in the directly aged 
samples in regions FZ 500 and HAZ 500 show similar degree of enrichment of these 
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elements, both at the precipitate/matrix interface and in the precipitate core as compared 
to their concentrations in the Fe-matrix. The Cu precipitates in these regions contain 
significantly more Fe than the precipitates obtained in the as-welded BM. Silicon is 
observed to monotonically partition away from the Cu precipitates in both the BM and 
the directly-aged samples.  
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Figure 54.  Proxigram obtained from Cu-10 at.% isoconcentration surface of BM region 
showing segregation of Ni, Al, and Mn to the precipitate/matrix interface. 
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(a) (b)  
Figure 55.  Proxigrams obtained from Cu-10 at.% isoconcentration surfaces of (a) FZ 500 
and (b) HAZ 500 regions showing segregation of Ni, Al, and Mn to the precipitate/matrix 
interface 
 
The partitioning behavior of Ni, Al and Mn between the Cu precipitates and the α-Fe 
matrix has been studied by several researchers using APT [7, 46, 48]. These studies have 
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reported that smaller bcc-Cu precipitates contain significant amounts of Fe, Al, Mn and 
Ni in their core and also develop segregation of Ni, Al and Mn at the precipitate/matrix 
interface, which lowers the interfacial energy and hence the coarsening rate of the Cu 
precipitates. As the Cu-precipitates increase in size, the precipitate core becomes richer in 
Cu, while the other elements, in particularly Fe and Al are rejected from the precipitate 
core. These findings are consistent with the results described above in the present study 
as Cu precipitates in the directly-aged sample in both HAZ 500 and FZ 500 regions are 
smaller in size than the Cu precipitates in the as-welded BM. It has also been established 
from previous research studies that the interfacial segregation of Ni, Al and Mn 
eventually leads to the formation of an ordered B2-Ni (Al, Mn) phase at the Cu-
precipitate and Fe-matrix interface [49]. Recently, Wen et al. [48] reported that the 
coarsening rate of Cu precipitates in a Fe-Cu-Ni-Al alloy was two orders of magnitude 
lower as compared to binary Fe-Cu alloys or ternary Fe-Cu-Ni alloys. They attributed 
slower coarsening of Cu precipitates in the Fe-Cu-Ni-Al alloy to the formation of 
thermally stable B2 NiAl shells around the Cu-rich core and the lower diffusivity of Cu 
in the intermetallic ordered-phase, which would inhibit its growth and coarsening. These 
shells are further reinforced with the addition of Mn and serve as an effective barrier to 
Cu diffusion. It is to be noted that the segregation of Ni, Al and Mn at the interface of 
Cu-rich precipitates in NuCu-140 steels is not uniform and that the Ni(Al,Mn) 
precipitates that form do not envelope the Cu-rich precipitates completely [7], 
nevertheless, the reduction in interfacial energy caused by the segregation of these 
elements at the precipitate-matrix interface and the collocated Ni(Al,Mn) precipitates will 
likely impede the coarsening kinetics of Cu-rich precipitates in NuCu-140. In the present 
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study, the softening that occurred in the HAZ and FZ of the as-welded sample was 
predominantly due to the dissolution of Cu precipitates and not due to their coarsening in 
these regions. In addition, the BM strength is not affected due to the PWHT at 773 K 
(500°C) (see Figure 51). The latter is probably the result of the sluggish coarsening 
kinetics of Cu precipitates at 773 K (500°C). The dissolution of Cu precipitates in the 
HAZ and FZ of the as-welded sample and the unaffected BM strength during PWHT at 
773 K (500°C) allows use of a simple direct aging isothermal treatment to reprecipitate 
Cu precipitates in these zones, thus avoiding the solution-quench-age process typically 
required of other precipitation-hardened alloys after welding.  
MatCalc modeling of the Cu precipitates during the isothermal PWHT was done for 
every combination of peak temperature (based on HAZ region), aging temperature, and 
aging time. The change in precipitate characteristics were first modeled for the initial 
solutionizing/aging treatment of the base metal, followed by the changes that occurred 
during the weld thermal cycle, and lastly for the changes that ensued following the 
isothermal PWHT. The precipitate characteristics for each preceding thermal treatment 
were used as inputs for the successive calculations. An example simulation output is 
shown in Figure 56 for an aging time of one hour at 773 K (500°C) after a weld peak 
temperature of 1623 K (1350°C). It can be seen from the initial increase in number 
density and phase fraction that nucleation begins at very early aging times during the 
PWHT. This is followed by simultaneous precipitate growth and coarsening signified by 
the concomitant decrease in number density and increase in precipitate radius and volume 
fraction. It can also be seen in Figure 56 that there is a rapid initial increase in radius until 
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the equilibrium phase fraction is reached at ~0.3 h after which there is little change in 
radius and number density of the precipitates until one hour of aging. 
 
 
Figure 56.  Example MatCalc simulation output for an isothermal PWHT of 500°C for 
one hour after a weld peak temperature of 1350°C 
 
The precipitate characteristics for those regions that were analyzed using APT are 
summarized in Table 12 along with the results obtained from MatCalc simulations. The 
values of and NV of Cu precipitates in the BM are in reasonable agreement between the 
APT and MatCalc results, while the volume fraction of precipitates as determined by 
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APT is higher as compared to MatCalc. This difference has been observed previously and 
has been attributed to differences in the precipitate Cu concentration measured by APT 
and that assumed by MatCalc [15]. The Cu concentration of the precipitates measured by 
APT is much lower compared to the Cu concentration assumed by MatCalc, which is 
essentially pure Cu. The volume fraction measured from APT is artificially increased by 
the inclusion of extraneous matrix Fe atoms in the Cu precipitate due to an atom-probe 
tomographic artifact caused by differential evaporation fields between Cu and the Fe 
atoms that leads to trajectory overlap effects [50]. Uncertainty in the Cu concentration of 
Cu precipitates in α-Fe is a known issue, with reported values having large variations 
depending on the measurement technique used [51].  
For the as-welded condition, MatCalc predicts Cu precipitates with high NV (of the 
order of 1024 m-3) and small (~ 0.50 nm) in the HAZ and FZ regions, while no 
precipitates were detected in the APT analysis. The MatCalc results suggest that some re-
precipitation occurs during cooling in these regions, as evident by the higher NV values 
in the HAZ and FZ relative to the BM. It is, however, important to note that the radius 
and volume fraction of these precipitates, as predicted by MatCalc simulations are quite 
small and insufficient to recover the strength in these regions, as is also revealed from the 
observed softening in these regions in Figure 41. Despite these discrepancies in the 
absolute values between the APT results and the MatCalc simulations, the general trends 
in <R> , NV, and φ obtained from these methods are comparable and help in the 
understanding of the evolution of Cu precipitates during the welding cycle. Both the 
MatCalc simulations and atom probe results indicate dissolution during the weld thermal 
cycle followed by re-precipitation of Cu-rich precipitates during the isothermal PWHT. A 
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summary of the predicted evolution of Cu precipitates in terms of their , NV and φ as 
determined from MatCalc simulations for each of the simulated HAZ regions during the 
PWHT at 773 and 823 K (500 and 550°C) is displayed in Figure 57 and Figure 58 
respectively. The Φ in these regions reaches its maximum of one volume percent after 
aging for one hour at 773 K (500°C). A concomitant decrease in NV and increase in was 
also observed after one hour of aging at 773 K (500°C), indicating the onset of 
coarsening of Cu precipitates in these regions. Note that the <R>, NV, and Φ of the 
precipitates are not significantly changed in the base metal for any aging time at 773 K 
(500°C). This lack of change in the base metal precipitate characteristics indicates that no 
significant coarsening occurs in the base metal during the 773 K (500°C) isothermal heat 
treatments. This is in agreement with the hardness measurements which indicated no 
change in the base metal hardness during PWHT at 773 K (500°C) until the longest aging 
time studied of 16 hours.  
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Figure 57.  Summary of MatCalc simulation results showing φ, NV, and <R>  as a 
function of ageing time at 500°C 
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Figure 58.  Summary of MatCalc simulation results showing φ, NV, and <R>  as a 
function of ageing time at 550°C 
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The MatCalc simulations for samples aged at 823 K (550°C) show similar trends in 
the precipitate characteristics. The precipitation kinetics at 823 K (550°C) is, however, 
much faster than at 773 K (500°C) with the maximum Φ of one volume percent reaching 
after only 0.25 hours of aging in the simulated HAZs. Most importantly, the precipitate 
radius increases significantly in the base metal during PWHT at 550°C. This coarsening 
of the precipitates in the base metal after aging at 823 K (550°C) is reflected in the 
decreasing hardness of the base metal with aging time during PWHT at 823 K (550°C). 
Conclusions 
A  SRC test conclusions 
i. NUCU-140 failed by ductile intergranular failure for all test temperatures while HSLA-
100 failed by brittle intergranular fracture for test temperatures below 650°C (1202°F).  
The brittle intergranular failure is represented by a smooth intergranular fracture surface. 
ii. SRC can be attributed to the intergranular precipitation of carbides (HSLA-100 only) and 
Cu-precipitates (both alloys) which promotes creep void formation. 
iii. Decreased TTF for HSLA-100 is attributed to the combined precipitation of metal 
carbides bcc Cu-rich precipitates compared to only precipitation of bcc Cu-rich 
precipitates in NUCu-140.  The metal carbides provide additional grain boundary 
pinning.  This is supported by the reduced number of discontinuous cracks found in the 
HSLA-100 microstructure compared to NUCu-140. 
B. Liquation cracking test conclusions 
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i. NUCu-140 and HSLA-100 showed LCTRs of 36°C (97°F) and 32°C (90°F), 
respectively.  This suggests a low cracking susceptibility when compared with published 
result for alloys tested in a similar manner 
ii. NUCu-140 and HSLA-100 steels exhibited similar overall hot-ductility behavior.  The 
narrow LCRTs can be attributed to restricted wetting and penetration of liquid films due 
to the transformation of delta-ferrite in the temperature range of incipient melting, which 
is supported by the numerous discontinuous cracks adjacent to the fracture surface for 
both alloys.   
C. Strength Recover and Re-Precipitation 
i. Welds on NUCu-140 exhibit local softening in the fusion zone and heat-affected zone as 
a result of the fusion weld thermal cycle.  
  ii. . Multipass weld simulations did not produce an increase in hardness of the heat-
affected zone after a high initial peak temperature followed by a lower secondary peak 
temperature. MatCalc simulations indicate that the time is too short to promote 
significant re-precipitation of the Curich precipitates during the secondary weld thermal 
cycle.  
iii. Isothermal post-weld heat treatments of GTA welds at 773 and 823 K (500 and 
550°C) demonstrated an increase in hardness of the fusion zone and heat-affected zone to 
levels above that of the base metal. Short aging times of 0.25 hour at 823 K (550°C) and 
1 hour at 773 K (500°C) were adequate to increase the hardness of these zones to levels 
above that of the base metal.  
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iv. The base metal hardness remains constant during the PWHT at 773 K (500°C) for 
aging times up to 16 hours, while there is a decrease in base metal hardness for the 823 K 
(550 o C) treatment at aging times greater than one hour. This is explained by MatCalc 
calculations, which reveal that Cu precipitates in the BM coarsen much faster during the 
PWHT at 823 K (550o C) than at 773 K (500o C).  
v. APT results and MatCalc simulations demonstrated that the softening in the heat-
affected zone of the NUCu-140 weld is the result of the dissolution of the Cu-rich 
precipitates during the heating portion of the weld thermal cycle followed by little or no 
re-precipitation upon cooling. The dissolution of Cu precipitates in these zones combined 
with their negligible coarsening at aging temperature of 773 K (500°C) permits the use of 
a simple direct-aging treatment at 773 K (500°C) (without a prior solutionizing-
quenching step) to recover the hardness in softened zones in NUCu140 without affecting 
the BM hardness. 
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